The kinetics of the phase transformation between the high temperature FCC-phase austenite and the low temperature BCC-phase ferrite as it occurs during controlled cooling of hot rolled low carbon steels is described using a physical model that considers austenite grain size, nucleus density, composition effects, and the austenite/ferrite interface mobility. The model is verified against experimental dilatometry data for three lean carbon-manganese steel grades. The model yields adequate reproductions of the transformation kinetics. Ferrite grain coarsening during the transformation appears to have a significant effect on the final microstructure.
Introduction
A crucial step in the production process of low-carbon steel strip is the decomposition of austenite during cooling after hot rolling. It is during this phase transformation that the microstructure is formed. The microstructure determines the properties of the material, not only by means of the phases present, but also through the dimensions (grainsize distribution, morphology) of the microstructural components. Being a thermally activated process of nucleation and growth, the phase transformation strongly depends on the time/temperature profile to which the material is subjected. In general, the occurrence of an undercooling due to fast cooling results in an enhanced nucleation rate at lower temperatures, which in turn leads to a fine ferritic/pearlitic microstructure, of which the grain sizes are also influenced by the grain-coarsening process. The formation of these phases, depending on a balance between nucleation rate and growth rate, is a complex process, difficult to control. In order to improve the control of the microstructure formation in low-carbon steels, several types of models have been developed to describe the kinetics of the austenite decomposition.
A number of empirical or semi-empirical models has been presented in the literature, of which the description of transformation kinetics by the Johnson-Mehl-Avrami scheme 1, 2) is among the most widely applied. A model that is more physically based, relating to the kinetics of carbon diffusion during the transformation, is the almost classical model developed by Zener. 3) This model takes into account that, in the case of alloys with a carbon content above 0.02 wt%, the ferrite phase cannot contain all the carbon. Consequently, at the ferrite/austenite interface the austenite enriches in carbon. Zener assumes this pile-up of carbon to result in local equilibrium at the ferrite/austenite interface and models the phase-transformation kinetics by assuming the carbon diffusion in the austenite phase to be rate determining. An implicit assumption in this model is that the actual lattice transformation from FCC austenite to BCC ferrite is fast enough to be of no significance to the transformation rate. Notwithstanding the great merits of this diffusion-control model, it is not suited to describe the phase transformation in ultra-low carbon steels and interstitialfree steels, which are becoming increasingly important. Evidently in these steels carbon diffusion plays a less prominent role, so for adequate modelling it is necessary to take the kinetics of the lattice transformation itself into account. The concept of interface mobility, reflecting these kinetics, has been defined in general terms by Christian.
4)
The interface mobility determines the interface velocity as a function of the driving force for transformation given by the Gibbs free-energy difference between the austenite and ferrite phases. In most commonly used alloys the transformation rate is determined by the balance between interface mobility and carbon diffusion, leading to so-called mixed-mode models accounting for both these phenomena. An example of a phase-transformation model incorporating the influence of the interface mobility on the kinetics of the austenite-to-ferrite transformation can be found in recent work by Krielaart et al. 5) In this model, the interface velocity is assumed to be proportional to the local driving force for transformation, which in turn is dependent on both the development of the transformation and the diffusion characteristics. In order to "translate" the interface velocity to macroscopic transformation kinetics, the initial austenite microstructure is modelled by a model austenite grain hav-ing the shape of a tetrakaidecahedron, and ferrite is assumed to nucleate at grain corners and grain boundaries. 6) The model has been shown to yield good results for the phase transformation in iron alloys containing substitional alloying elements. 7) In the present paper the phase-transformation kinetics at different cooling rates are determined for three commercial low-alloy steels with carbon contents between 0.05 and 0.10 wt%. The measurements are performed by means of dilatometry, and the resulting development of the fraction ferrite as a function of temperature during cooling is simulated by means of the interface mobility model. An assessment of the influence of carbon diffusion, transformation stresses, and ferrite nucleation and grain coarsening is made.
Theory
The factors playing a role in the austenite (g ) to ferrite (a ) phase transformation can be divided into three categories: (1) nucleation and coarsening, determining the ferrite grain density; (2) interface migration, and (3) geometry of the austenite and the ferrite. This section will discuss the model in terms of these three features.
Nucleation
Nucleation is a process that is experimentally difficult to investigate. Extensive studies have been performed among others by Enomoto and Aaronson, 8) regarding the so-called classical nucleation theory. Notwithstanding these scientific efforts, many aspects concerning the nucleation kinetics still lack experimental evidence. An additional complication for studies on nucleation is caused by grain coarsening. During the last decade several papers have been published concerning the question of the coarsening of ferrite grains during the transformation. Priestner and Hodgson 9) investigated the coarsening behaviour of a deformed niobium steel and indicated that the coarsening of ferrite grains already starts in the beginning of the transformation. Bengochea et al. 10) show that at least in the later stages of the transformation the competition between coarsening and the kinetics of the formation of ferrite are important in determining the final grain size. This conclusion was also based on niobium containing steels with retained strain being present at the start of the transformation. From their work it follows that if the nucleus density is estimated from the final microstructure an error of at least one order of magnitude is made. Hodgson et al. 11) indicate that in the absence of niobium (and at low retained strains) the nucleation-instead of coarsening-may be the decisive step in determining the final ferrite grain size. This conclusion was obtained by comparing ferritic grain sizes from continuous and discontinuous cooling experiments on low carbon steels.
In the present paper, the nucleus density is derived from optical microscopy on both the austenite and the final ferrite microstructure. From the average grain sizes in both microstructures, the number ratio of austenite and ferrite grains, and hence the number of nuclei per austenite grain, is deduced. In applying this scheme, we assume as a first approximation that grain coarsening does not occur in the ferrite. It is assumed that nucleation is taking place instantaneously at a certain temperature, viz. upon entering the two-phase region, where the austenite becomes instable; in other words, no undercooling due to nucleation is introduced.
In the model austenite grain, the ferrite nuclei are positioned at grain corners, assuming heterogeneous nucleation to be predominant (see Sec. 2.3).
Interface Migration
A detailed description of the progression of the interface during the transformation requires a profound knowledge of the local conditions at the interface. However, since these conditions cannot be monitored in detail as a function of time and temperature, for the model the choice has been made to link the transformation kinetics to the average thermodynamical properties of the bulk of the material. The model used to accomplish this was first introduced by Christian. 4) Christian derives the net frequency w of atoms jumping from the austenite region to the ferrite region to be given by .......... (1) where f* is the characteristic frequency of the atoms, R the gas constant, T the temperature, Q the activation energy and DG g/a the Gibbs free-energy difference between the austenite and ferrite phases, taking into account their compositions. Since every atom jumping across the interface shifts the interface locally over a distance d , the atomic diameter, the interface velocity v can be calculated according to .............. (2) using the condition that DG g/a << RT. M 0ϭ f * d/RT is a preexponential factor describing the mobility of the interface.
All in all, the model uses three quantities to describe the phase transformation: the activation energy Q, the free-energy difference DG g/a and the pre-exponential factor M 0 . The activation energy Q is expected to be similar to the activation energy for grain-boundary diffusion, as it is the energy barrier for atoms "entering" the interface. Its value is expected to be comparable to the value for recrystallisation in pure iron. Hillert experimentally determined this value to be 147 kJ/mol. 12) In a study by Krielaart and Van der Zwaag 13) into the transformation behaviour of binary FeMn alloys a similar value (140 kJ/mol) was found.
For the calculation of the driving force DG g/a , for which the thermodynamic database programme MTData is used, the alloys are treated as Fe-C-Mn systems. Since the diffusion rate of manganese atoms is much lower than that of carbon atoms, it is assumed that only the carbon in the system redistributes during the transformation, while the manganese content remains equal in both the ferrite and the austenite phase. This situation is often referred to as paraequilibrium. It implies that the Fe-Mn atom ratio in the two phases remains constant throughout the transformation, which reduces the system to a quasi-binary system M-C, where M stands for a metal atom, either Fe or Mn.
In order to calculate the driving force for the transforma- where x C g /a is the carbon fraction of the atoms crossing the g /a -interface, and
The composition of the atom flux crossing the g /a -interface is equal to the composition in the ferrite phase, which is assumed to be equal to the equilibrium concentration x C a ,eq . The carbon content in the austenite phase x C g is assumed to be homogeneous throughout the whole phase and is calculated by remains roughly constant at 0.02 wt%. In this paper the preexponential factor M 0 is obtained by fitting the model to experimentally determined macroscopic data.
Geometry Model
Equation (2) describes the velocity of an a /g -interface. In order to verify this equation, experimental data on the phase transformation are needed, for which dilatometry is used in this study. This method yields the volume fraction ferrite formed from austenite as a function of temperature. In order to calculate the three-dimensional volume fraction of ferrite from the one-dimensional interface velocity, a three-dimensional geometrical model is required. Such a model actually accomplishes the translation from the microscopic transformation behaviour to the macroscopic observation of the ferrite fraction.
In this paper the tetrakaidecahedron is used as a typical, regular Voronoi cell (see Fig. 2 ) to model the austenite grain geometry. As was shown in earlier work, due to its geometrical properties the tetrakaidecahedron is an ideal representation of an austenite grain for modelling the transformation behaviour 6) : the grain corners enable the modelling of heterogeneous nucleation as it is often reported in the literature, 14, 15) and by resizing the grain the influence of the austenite grain size on the transformation kinetics can be incorporated. It was shown in ref. 6) that the choice of model geometry for the austenite microstructure has significant effects on the calculated transformation kinetics.
In the model described here the ferrite phase is modelled to grow from the corners of the tetrakaidecahedron, at which nucleation is assumed to occur. The velocity v is given by Eq. (2), being independent of the direction of the growth, and the ferrite will thus grow as segments of spheres. In every time step the ferrite fraction is determined by means of numerical integration.
Experimental
The transformation kinetics in three different lean C-Mn steel grades were investigated. The composition of the alloys is given in Table 1 . The transformation kinetics were measured using a Bähr 805A dilatometer, on cylindrical specimens, 10 mm long with a diameter of 4 mm. The specimens were austenitised at 1 223 K and subsequently cooled at a cooling rate of either 0.05, 0.3, or 10 K/s. Alloy A has also been measured at a cooling rate of 60 K/s. Apart from the temperature-control thermocouple, a second thermo- couple, placed at 4 mm from the first, was used to check the temperature gradient along the length of the specimen. The measured temperature gradient was always smaller than 5 K. The volume fraction ferrite has been determined from the measured length change, taking into account the carbon enrichment of the austenite during the transformation and the difference between the specific volumes of ferrite and pearlite. 16) In order to determine the austenite grain size, samples for optical microscopy were prepared by thermal etching. The ferrite grain size was determined after etching with 2% nital. The determination of both the ferrite and austenite grain sizes was carried out by means of the mean linear intercept method. Figure 3 shows two micrographs of the etched ferritic microstructure of alloy A after austenitisation and cooling at 0.05 and 60 K/s, respectively. The microstructure resulting from the slow cooling shows distinct bands of pearlite. The microstructure attained with the high cooling rate has a more random distribution of pearlite in the ferrite matrix. This feature is also observed for the alloys B and C. Table  2 gives the results of the microstructural analysis for the three steel grades after cooling at the different rates, with d i the average grain size in phase i. The resulting nucleus density n n is calculated by n n ϭ(1/d a ) 3 . Figure 4 shows the measured ferrite volume fractions f a for alloy A as a function of temperature. In this graph five curves are depicted. Four curves correspond to continuous cooling at 0.05, 0.3, 10 and 60 K/s, the fifth curve is determined in a second experiment at a cooling rate of 0.3 K/s. During this experiment a 30 min isothermal hold at 1 061 K was introduced. The curves belonging to the two lowest cooling rates coincide for f a Ͼ0.5. The transformation in the 0.3 K/s experiment starts at a slightly lower temperature than in the 0.05 K/s experiment. Due to the larger driving force the growth process is faster, and the 0.3 K/s curve joins the 0.05 K/s curve at f a Ϸ0.5. From here on the transformation rate, as defined by volume fraction transformed per unit of temperature, is the same for the two cooling rates. The fact that the same development of the ferrite fraction occurs, can be explained by the transformation following the equilibrium state. In order to check this, the second experiment at 0.3 K/s has been interrupted for 30 min at 1 061 K. The fractions ferrite as a function of temperature for the two 0.3 K/s experiments coincide over the complete temperature range, as can be seen in Fig. 4 . During Table 2 . Microstructural data for the austenite and ferrite phase, as determined by optical microscopy, d g is the average austenite grain diameter, d
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a the average ferrite grain diameter and n n the nucleus density.
the isothermal period, indicated by the arrow, there is no significant deviation of the fraction curve. The change in fraction which is observed during this period is caused by instrumental fluctuations. The transformation rate that appears in Fig. 4 gives the development of the ferrite fraction with temperature, or df a /dT. This quantity gradually decreases with increasing cooling rate. The transformation rate with respect to time (df a /dt) increases with the cooling rate, caused by the increased undercooling that strongly enhances the driving force for transformation. Figures 5, 6 and 7 give the experimentally determined ferrite fractions (thick lines) and the modelled curves (thin lines) for the alloys A, B and C, respectively. In the calculations, the nucleus density and the austenite grain size as given in Table 2 are used, and the activation energy Q is set to 140 kJ/mol. The mobility parameter M 0 is used as the single parameter to optimise the agreement between model and experimental curves. The resulting values are listed in Table 3 .
The shape of the model transformation curves for all cooling rates corresponds well to the experimental fraction curves. In general, for all three alloys the correspondence between model and experiment is remarkable. All three alloys show the coincidence of the fraction curves for the two lowest cooling rates used, both in the experimental and in the model curves. It is seen, however, that the equilibrium fraction ferrite in the model curves is shifted towards higher values compared with the measured fraction. This difference is largest for alloy A (relatively high carbon and manganese concentrations) and smallest for alloy C (low carbon and manganese concentrations). For higher ferrite fractions the experimental and modelled fraction curves seem to approach each other. However on a temperature scale the difference between the modelled and the experimental fractions remains the same. The reason for this temperature shift between the experimental determined and calculated absolute ferrite fraction is unclear. Figure 8 shows the calculated driving force for the transformation in alloy A at the four different cooling rates. It is seen that the driving force strongly increases with increasing cooling rate, due to an increased lagging of the ferrite fraction with respect to the equilibrium fraction. At the two lowest cooling rates, after an early maximum in the driving force, the transformation proceeds according to equilibrium, and the driving force levels off to a small value that is related to the time step in the simulations.
A relative comparison between the three alloys shows the highest transformation start temperatures for steel grade C. This occurs both for the experimental and the calculated fraction curves. Furthermore it is seen that for the higher cooling rates the correspondence between the experimental and calculated fraction curves for the carbon and manganese rich steel grade is less accurate. This is possible due to the fact that in the calculations nucleation is assumed to take place instantaneously at the Ae 3 -temperature. Since manganese is known to retard the nucleation kinetics, this assumption is expected to become less adequate for the steel grades in the order A, B, C. Considering the M 0 -values (Table 3 ) two trends can be observed: the value of M 0 increases with increasing cooling rate and with decreasing carbon content. These trends should be considered in view of the fact that M 0 is used as the only parameter to optimise the agreement between model and experimental curves; consequently, all factors influencing the overall transformation kinetics, but which have been disregarded in the model, will influence its value. The three main factors, viz. the diffusivity of carbon, the build-up of stresses at the a/g-interface, and the differences between the actual nucleus density and the density derived from the microstructures, will now be discussed.
For the model assumption that the carbon is homogeneously distributed in the austenite to be valid at each moment in time, it is required that the carbon diffusion is infinitely fast compared with the g/a-interface mobility. If the finite carbon diffusion plays a role in the determination of the g/a-interface velocity, it causes a carbon pile-up in the austenite in front of the transforming interface, leading to a lower driving force. This implies a slower transformation, and in the calculations a slower transformation is described by a lower M 0 -value. A carbon pile-up at the interface is more likely to occur at higher cooling rates, since there will be less time for carbon to diffuse into the bulk, and with higher initial carbon concentrations, since the carbon concentration gradient will be less pronounced.
Ferrite has a larger specific volume than austenite, therefore during the transformation the material has to expand. This will occur via stresses surrounding the ferrite grains, which effectively corresponds to a lower driving force for the transformation, and thus causes a slower transformation. The effect of stress build-up at the interface is expected to increase with increasing cooling rate, since there is less time for recovery of the stress, and with increasing alloying content, since alloying elements slow down the recovery process.
Considering the nucleus density the following remarks can be made. The more nuclei are present, the faster the transformation will proceed. If, due to grain coarsening, the nucleus density derived by the present method (relating the a-and g-microstructures) is too low, a too high velocity is attributed to the interface, since in the calculations the same overall transformation kinetics is to be achieved by a smaller number of ferrite grains. Grain coarsening is expected to be enhanced when more nuclei are formed, i.e. at higher cooling rates and lower alloying contents.
It is shown in the present study that the austenite to ferrite transformation is well described by the transformation model, in which the most important parameters, such as the austenite grain geometry, the nucleus density, and the driving force, based on chemical composition and temperature, are incorporated. An evaluation of the mobility of the interface with respect to cooling rate and carbon content indicates the grain coarsening to play a significant role in the transformation kinetics. This is derived from the increase of M 0 with increasing cooling rate and decreasing carbon concentration, a tendency that is expected from an increasing underestimation of the nucleus density, as discussed above. The effects of finite carbon diffusion and transformation stresses would lead to an opposite tendency.
Conclusions
An austenite-to-ferrite transformation model based on the concept of interface mobility has been tested for three commercial steel grades at cooling rates between 0.05 and 60 K/s. The model satisfactorily predicts the transformation rate at all cooling rates, including the ranges in which the transformation follows the equilibrium. For an optimal description of the fraction ferrite as a function of temperature for this series of experiments, a slight variation in M 0 -values is used. The increasing tendency of M 0 with increasing cooling rate and decreasing carbon content appears to be caused by an underestimation of the nucleus density due to grain coarsening.
